The microstructure evolution during hot deformation of a 23Cr-5Ni-3Mo duplex stainless steel was investigated in torsion. The presence of a soft d ferrite phase in the vicinity of austenite caused strain partitioning, with accommodation of more strain in the d ferrite. Furthermore, owing to the limited number of austenite/austenite grain boundaries, the kinetics of dynamic recrystallisation (DRX) in austenite was very slow. The first DRX grains in the austenite phase formed at a strain beyond the peak and proceeded to ,15% of the microstructure at the rupture strain of the sample. On the other hand, the microstructure evolution in d ferrite started by formation of low angle grain boundaries at low strains and the density of these boundaries increased with increasing strain. There was clear evidence of continuous dynamic recrystallisation in this phase at strains beyond the peak. However, in the d ferrite phase at high strains, most grains consisted of d/d and d/c boundaries.
Introduction
Extensive studies of hot deformation and recrystallisation of steel have revealed the strong influence of the second phase on dynamic recrystallisation of austenite. 1, 2 This influence is more obvious when the fraction of the second phase is large. One reason is that when the difference between the strengths of the austenite and the second phase (i.e. d ferrite in this case) is significant, strain partitioning can play an important role in the dynamic recrystallisation (DRX) phenomenon. Decreasing the number of austenite/ austenite grain boundaries, which are generally the most effective DRX nucleation sites, is also an important reason for this effect of the second phase. The role of these grain boundaries is more pronounced during the early stages of hot deformation, where the bulging of initial grain boundaries is the dominant recrystallisation mechanism. [3] [4] [5] [6] [7] Studies of DRX in duplex C-Mn and HSLA steels [8] [9] [10] have been complicated by the fact that deformation of the austenite encourages transformation to ferrite. Therefore, generally concurrent recrystallisation and transformation processes occur. Duplex (austenitic-ferritic) stainless steels with a matrix of austenite, a large fraction of d ferrite and no phase transformation under certain deformation conditions appear to be suitable model alloys [11] [12] [13] [14] [15] [16] for a more systematic investigation of the dynamic recrystallisation in the austenite/ferrite duplex microstructure.
Duplex stainless steels have been the subject of several hot deformation and annealing investigations. [16] [17] [18] [19] [20] [21] The amount of each phase is related to the annealing temperature of the steel and can vary from 10 to 90%. The presence of a bcc ferrite phase, which has numerous slip systems and high stacking fault energy (SFE) in the vicinity of a fcc austenite phase with less slip systems and very low SFE, complicates the recrystallisation behaviour. For example, it has been shown 22 that the recrystallisation kinetics of austenite in the duplex structure is much lower than the recrystallisation kinetics in a single phase austenitic steel. Nonetheless, the dominant dynamic restoration mechanisms for ferrite and austenite are still dynamic recovery (DRV) and DRX respectively. 16, 20, 22, 23 The aim of the current work is to investigate the influence of the co-existence of a large volume fraction of d ferrite on the dynamic restoration processes of austenite. In this respect, a duplex stainless steel with a similar volume fraction of d ferrite and austenite has been selected for hot torsion tests. The dynamic restoration process of d ferrite under those conditions was also studied in detail to assess whether they were affected by the hard second phase and the presence of ferrite-austenite boundaries.
Experimental methods
A duplex stainless steel with a composition of Fe-0?03C-2Mn-23Cr-5?5Ni-3Mo (wt-%) was used in the present study. Torsion samples with a gauge length of 20 mm and a diameter of 6?7 mm were machined from the initial 15 mm diameter bars. The torsion equipment used in the present study has been described elsewhere. 24 Soaking at 1200uC was used to achieve an initial homogenised microstructure. The soaking time of 5 min at 1200uC appeared to establish a fully ferritic microstructure. The samples were then cooled at 1uC s 21 to 1000uC and held for 2 min, which resulted in a duplex structure with similar volume fractions of austenite and d ferrite. The samples with the duplex structure were deformed at a strain rate of 0?3 s 21 to different strains. For comparison, two samples were also deformed at 1200 and 1100uC at a similar strain rate.
To investigate the deformed microstructure, the samples were quenched immediately (,0?5 s) after deformation ( Fig. 1 ). Metallographic observations were performed on tangential sections at a depth of y100 mm below the gauge surface. The microstructure of mechanically polished surfaces was investigated by electron backscattered diffraction (EBSD) under an accelerating voltage of 20 kV, a working distance of 25 mm from the gun and an aperture size of 60 mm. The EBSD maps were analysed using HKL Technology channel 5 software. The grain/subgrain misorientation distribution, twin boundary frequency and linear intercepts were extracted from the EBSD maps. The linear intercept was measured in the bar rolling direction (perpendicular to the torsion direction).
Results
The undeformed microstructure (i.e. after soaking and cooling to a deformation temperature of 1000uC) consisted of austenite and d ferrite phases with some evidence of alignment along the bar rolling direction (Fig. 2) . This volume fraction varied depending on the cooling temperature after the soaking. However, at 1000uC, y50% of each phase was present in the microstructure. The austenite phase had a large fraction of high angle grain boundaries (.80%) with twin relationship, with no low angle grain boundaries (LAGB) observed (Fig. 3) . In contrast, the d ferrite phase contained a subgrain structure with an average d/d boundary misorientation of ,15u. The frequency of high angle grain boundaries (HAGB) in this phase was very low (Fig. 3) .
The flow curve at T51000uC andė50?3 s 21 consisted of a strengthening stage (work hardening) to a peak stress, after which it started to decrease with further deformation (work softening). However, a steady state flow stress was never observed after the softening stage and the stress decreased continuously to the rupture of the sample (Fig. 4) . The stress at rupture was very close to the initial yield and therefore, indicated significant softening in the material. The peak was much more evident at 1000uC than at the higher temperature, where there was a low level of work hardening and little work softening beyond the peak.
At very low strains, a particular shape of flow curve, i.e. a yield point-like phenomenon, was apparent. Increasing the deformation temperature extended this particular area in the flow curve (Fig. 4) . The presence of this specific shape of the early section of the flow curve, which in many ways resembles yield point phenomena in aged ferrite at room temperature with no (or limited) work hardening after the yield point, has been ascribed to the strain partitioning in the early stages of hot deformation. 19 The partitioning of alloying elements between these two phases, especially the interstitial nitrogen, and the effect of these elements on the restoration processes of each phase can further increase this difference in the two phases. 19 It has been suggested 19 that at the first stage of hot deformation, most of the strain is concentrated in the d ferrite phase with no, or limited, load transfer across the interface from ferrite to austenite and therefore, the strengthening of the material is controlled by dynamic recovery (DRV) of this phase, leading to a constant flow stress. Increasing the strain can cause load transfer from the ferrite to austenite to maintain continuity. Owing to the higher strengths in the austenite, the result of this load transfer was appeared with increasing flow stress of the material. The presence of this flow curve behaviour has been reported by others 19, 22 for wrought duplex stainless steels. However, the presence of this special shape of flow curve at 1200uC, where the microstructure is fully ferritic, suggests that this cannot be the sole responsible mechanism and hence, this is still an area that requires further investigation.
The microstructure of samples, deformed to different strains followed by rapid water quenching, was analysed by EBSD (Fig. 5) . At a low strain (e50?25), some substructure was formed in the d ferrite phase with no obvious change observed in the austenite (Fig. 5a ). Increasing the strain to 0?5 resulted in some grain elongation in both phases, with more low angle grain boundaries formed in the d ferrite phase, while some twin boundaries in the austenite phase started to deviate from their initial twin crystallographic relationship (Fig. 5b) . Furthermore, a low quantity of LAGBs formed within the austenite grains, although their quantity was very low compared to the ferrite phase. At a higher strain of 0?75 (Fig. 5c) , which is close to the peak strain, a complete network of substructure along with some high angle grain boundaries was formed in the d ferrite. At this strain, most of the twin boundaries in the austenite lost their twin relationship and changed to serrated high angle grain boundaries.
The elongation of both ferrite and austenite grains was increased as the strain was increased to 1?0. Also, the subgrain size in the d ferrite increased while on the other hand, a large number of HAGBs were formed in this phase (Fig. 5d) . At this strain, a large number of LAGBs were formed in the austenite phase, while a limited number of new DRX grains developed on the deformed twin or at the d/c interphase boundaries. The quantity of these new DRX grains increased with increasing strain (Fig. 5e) . The final microstructure at a strain of 1?5 consisted of a d ferrite phase with a very strong HAGB network and an austenite phase comprising some small DRX grains along with a very high quantity of LAGBs with a fine spacing between them. The volume fraction of recrystallised grains in the austenite was ,15% at the rupture strain.
Discussion
The coexistence of a hard austenite phase and a soft d ferrite phase during hot deformation led to a complicated deformation and restoration processes in this duplex structure. Under the hot deformation condition tested here (i.e. T51000uC and : e50?3 s
21
), the flow curve shows a work hardening region and a peak stress followed by a softening stage. At the same time, the microstructure showed strong evidence for the evolution of DRV in both phases, with a limited amount of DRX in the austenite at strains of 1 and above. The volume fraction of DRX grains in austenite changed from 5% at a strain of 1?0 to y15% at the fracture strain (Fig. 5) , which is very low compared to the DRX fraction in a single phase austenitic stainless steel under similar deformation conditions. 5 At higher temperatures (for example, 1100uC in Fig. 4 ), the flow curve was similar to that for ferritic stainless steels 25, 26 and also warm worked IF steel, 27 where a monotonic hardening to a steady state plateau (without a major peak) is observed. This is believed to be due to equilibrium between dislocation generation and annihilation (DRV), although at large strains, some flow softening can also occur owing to the texture effects. The more pronounced peak at 1000uC for the duplex structure would normally suggest extensive DRV of the austenite and further transformation from austenite to d ferrite during deformation. However, both of these features are not supported by the microstructure observations. At this stage, the mechanism for this softening has not been identified. What is clear, though, is that a simple law of mixture approach to the flow curve is not adequate. At large strains, even though the d ferrite showed low work hardening, the austenite would have definitely work hardened (as evidenced by the start of DRX). Therefore, in a law of mixture approach, this would greatly increase the average stress above the as received level. In austenite with full DRX, the steady state stress is much higher than s 0 .
The microstructure development during hot deformation is considerably affected by strain partitioning and the nature of grain and interphase boundaries (Fig. 5) . This microstructure development can be schematically summarised as shown in Fig. 6 . This figure implies a strong difference between the microstructures developed in the ferrite and austenite phases. Furthermore, there is a considerable difference between the microstructures developed in each phase compared with an austenitic 4, 5, 28 or a ferritic [29] [30] [31] stainless steel with single phase structure.
The undeformed microstructure (Fig. 6a) consisted of successive layers of d ferrite and austenite of nearly equivalent volume fractions. This microstructure is the result of repeated phase transformation of cRd and again dRc. The microstructure of the initial bars consisted of almost 40% ferrite and 60% austenite distributed in successive layers. The heating of this microstructure to 1200uC and holding for 5 min (i.e. soaking) caused a phase transformation of cRd and a fully ferritic microstructure was observed by quenching of the sample at the end of the soaking process. As has been proposed elsewhere, 32, 33 the chemical composition of d ferrite and austenite (specifically in terms of alloying elements of Cr, Ni and Mo) is different. On the other hand, it seems that the soaking process used in the present study (i.e. 5 min at 1200uC) is not enough to change the distribution of alloying elements and homogenise the chemical composition. Therefore, the ferrite structure at the end of the soaking process would contain segregation of those elements in regions where the previous austenite phase existed. Those locations are then the preferred areas for transformation to austenite during cooling. Therefore, the microstructure after cooling again consisted of successive layers of ferrite and austenite. The volume fraction of each phase remained constant during hot deformation under the present deformation condition, meaning that no phase transformation has occurred. Most of the c boundaries have twin crystallography and no LAGBs are observed in this phase. However, the limited internal boundaries in the d phase have a low misorientation. These LAGBs are likely to form owing to the recovery of dislocation formed from the internal stress during phase transformation or may have remained from the initial structure of the rolled bars. The d/c interphase grain boundaries have misorientations of about 40¡5u.
The microstructure evolution during hot deformation of this duplex structure started by the formation of LAGBs in the d ferrite without any major influence on the austenite at strains lower than the peak (Fig. 6b) . These LAGBs are the result of DRV as the dominant restoration mechanism in ferrite. By increasing deformation to the peak strain (Fig. 6c) , more LAGBs are formed in the d phase. These LAGBs evolve and lead to the gradual build-up of higher misorientation between the neighbouring subgrains (Fig. 7) . The mean grain/ subgrain size in the d ferrite phase started to increase with further deformation after the peak strain (see Fig. 8 ), as a result of the evolution LAGBs to HAGBs. The increase in d ferrite subgrain size appears to be proportional to the increase in the average misorientation of sub-boundaries (Fig. 7) in that phase. 34 This phenomenon of changing from subgrains to grain boundaries is known as continuous dynamic recrystallisation 35, 36 or extended recovery 23 and proceeds with increasing deformation (Fig. 6d) . Although the exact mechanism of microstructural evolution during this continuous DRX (or extended recovery) is not fully understood, an increase in the misorientation of low angle grain boundaries [37] [38] [39] and coalescence and growth of subgrain boundaries 37, 40, 41 have been associated with this process. However, researchers have shown 21, 34, [42] [43] [44] that subgrain growth does not explain the rapid increase in the misorientation during continuous DRX (as observed in Fig. 7 ) and other mechanisms are likely to contribute to this phenomenon. However, the concurrent increase in the average misorientation of sub-boundaries ( Fig. 7) with an increase in the average subgrain size (Fig. 8) followed by the formation of high angle grain boundaries (DRX) is obvious in the current work (d ferrite phase). This is consistent with the evolution of DRX in ferrite (i.e. The microstructural change and restoration process in the austenite phase is different from the above observations in d ferrite. Because strain accommodation in austenite is less than that in d ferrite (at least at the early stages of deformation), limited LAGBs are observed in this phase at low strains (Fig. 6b) . The first evidence of DRX (the dominant restoration mechanism of austenite) is observed at a strain higher than the peak in the flow curve by nucleation of DRX grains on the deformed twin or d/c interphase boundaries. The formation of new DRX grains and LAGBs increased with increasing strain and in contrast to ferrite, where the grain/subgrain network size started to increase with increasing strain from the peak, the grain/subgrain size decreased continuously with increasing strain (Fig. 7) .
In contrast to ferrite, some discrete austenite grains (i.e. grains with only c/c boundaries) were observed in this phase (e.g. Fig. 5e ). These actual grains were mostly formed on the serrated initial grain (twin) boundaries, indicating discontinuous DRX. However, as for ferrite, some regions of austenite showed an increase in the misorientation of segments of LAGBs. Those segments then changed to HAGBs, indicating a continuous type of recrystallisation in austenite. The arrows in Fig. 5f show examples of such segments.
An important difference between DRX in the austenite phase of a duplex structure and a single phase austenitic stainless steel is in the role of grain boundary serration and the bulging of new DRX grains on these serrated boundaries. While grain boundary serration and bulging is the most important DRX mechanism in the single phase austenitic steels 3, 5 (at least for the early stages of recrystallisation), this phenomenon is not often observed in the duplex structure, owing to the limited number of austenite/austenite grain boundaries. However, where these boundaries did exist they were the sites for new DRX grains on the serrated c/c boundaries.
The volume fraction of DRX grains increased with increasing deformation although it was still very low at the strain of fracture. This means that more strain is needed to complete the DRX process in the austenite phase for this structure. However, this limited fraction of DRX in the austenite phase cannot be the sole reason for the appearance of the peak in the flow curve. The softening of d ferrite phase, due to DRV and continuous DRX, can be considered as another possible mechanism causing the peak to appear in the flow curve. It seems that the rotation of microstructure from layers/stringers parallel to the torsion axis (Fig. 2) to an almost 60u with the torsion axis (Fig. 5) can accelerate the ferrite softening, owing to strain partitioning between the ferrite and the austenite.
Conclusions
Hot deformation of a duplex stainless steel, with equal volume fractions of d ferrite and austenite in the initial microstructure, was examined in torsion. The flow curve showed a work hardening stage and a peak strain followed by gradual increase to the rupture of the sample. A very particular shape of flow curve, i.e. a yield point, was observed at the early stages of deformation, although the mechanism for this was not clear.
The microstructure evolution during hot deformation was very different in each phase. While the evidence of continuous DRX, i.e. gradual increase in misorientation and distance of low angle grain boundaries, was observed in d ferrite, the formation of new DRX grains on deformed twin boundaries or c/d interphase boundaries appeared in austenite phase (conventional DRX). However, owing to limitation in the number of austenite/austenite boundaries, the evolution of DRX in austenite was limited.
